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A combined experimental/computational approach is employed to study slip-system-related
dislocation-substructure formation during uniaxial tension of a single-phase, face-centered-
cubic (fcc), nickel-based alloy. In-situ neutron-diffraction measurements were conducted to
monitor the peak-intensity, peak-position, and peak-broadening evolution during a displace-
ment-controlled, monotonic-tension experiment at room temperature. The measured lattice-
strain evolution and the macrostress/macrostrain curves were used to obtain the material
parameters required for simulating the texture development by a visco-plastic self-consistent
(VPSC) model. The simulated texture compared favorably with experimentally-determined
texture results over a range of 0 to 30 pct engineering strain. The grain-orientation-dependent
input into the Debye-intensity ring was considered. Grains favorably oriented relative to the
two detector banks in the geometry of the neutron experiment were indicated. For the favor-
ably oriented grains, the simulated slip-system activity was used to calculate the slip-system-
dependent, dislocation-contrast factor. The combination of the calculated contrast factor with
the experimentally-measured peak broadening allows the assessment of the parameters of the
dislocation arrangement within the specifically oriented grains, which has a quantitative
agreement with the transmission-electron-microscopy results.
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I. INTRODUCTION

IN polycrystalline materials, mechanical properties
are related to textures, especially under plastic deforma-
tion: Slip on specific crystallographic planes during the
plastic deformation may produce lattice rotations and,
hence, develop texture. However, Heidelbach comments
that it is not a trivial job to reveal the plastic flow,

considering the texture development with the micro-
structure evolution.[1,2] Hill’s[3] and Hutchinson’s[4] self-
consistent (SC) models have been applied very success-
fully to simulate the micromechanical behavior of
polycrystalline materials[5] by the lattice-strain evolution
based on neutron-diffraction measurements via the
elasto-plastic self-consistent (EPSC) model for several
metallic materials.[6,7] The intrinsic assumptions of the
EPSC model consider the active inelastic-deformation
mechanisms, and, hence, the stiffness/compliance con-
stants are important for simulations.[8–10] The present
study extends SC modeling to moderate-to-large defor-
mation strains, considering the grain rotation for
describing preferred grain-orientation distributions. In
the current work, a visco-plastic self-consistent (VPSC)
model is applied to simulate the texture development,
based on the measured lattice strains and macrostress-
macrostrain responses from a nickel-based alloy. The
VPSC model considers the activity of slip systems and its
influence on grain rotation.[11] The VPSC code used in
this study is based on previous work.[12–14] Experimental
macro/lattice stress-strain curves are used as an input to
simulate the texture and the probability of the active-slip
systems from the multiple hkl reflections. Moreover, a
peak-width analysis is applied to combine the texture-
evolution information for the slip-system-dependent,
dislocation-contrast factor. The peak profiles are mea-
sured at a time-of-flight (TOF) neutron-diffraction
instrument. The contrast factors are used to determine
the direction of the active dislocations moving on the slip
planes, relative to the specimen-coordinate system of the
instrumental environment. This demonstration as in-situ
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experiment offers new insights about evolving disloca-
tion arrangements and serves as a reference for further
dislocation investigations.

II. EXPERIMENTAL PROCEDURE

A. Materials and In-Situ Neutron Experiments

The HASTELLOY C-22HS,* a nickel-based alloy

(Ni-21Cr-17Mo, in wt pct) was selected as the sample
material. The alloy was annealed to dissolve most
precipitates and showed a texture-free condition from
previous neutron-diffraction measurements[15] in axial
and transverse directions. The average starting grain size
was about 90 lm, and the texture-free condition made
the alloy a good specimen to interpret peak-refinement
results: There were no initial texture and second-phase
precipitates. A transmission electron microscopy (TEM)
study confirmed that the alloy had a single-phase face-
centered-cubic (fcc) structure.[16] The room-temperature,
in-situ neutron measurements were conducted with the
spectrometer for materials research at temperature and
stress (SMARTS)[17] beamline of the Los Alamos
Neutron Science Center (LANSCE). The gage volume
was 120 mm3 for the measurements of the monotonic
tension. The strain rate was 0.001 per second.

B. Neutron-Data Analyses

The neutron-diffraction profiles were refined by the
general structure analysis system (GSAS)[18] for inves-
tigating the peak position, intensity, peak profiles, and
width, respectively. A pseudo-Voigt function (GSAS
function 3) was fit to the data and used to distinguish
different sources of peak broadening.

The refined peak positions of each hkl were calculated
during the evolution of lattice strain (ehkl), based on the
change in the d spacing (dhkl) as a function of the stress,
relative to the initial d spacing (dhkl

0 ), as shown in Eq. [1]:

ehkl ¼
dhkl � d0hkl

d0hkl
½1�

The lattice-strain evolution was used as an input for
fitting the compliance within the elastic region, for the
VPSC simulations.

The peak intensity was fitted for the individual hkl
peaks. The normalized intensity evolution as a function
of stress was calculated using Eq. [2] to monitor the
texture development through the tensile test, which was
further used to compare with the VPSC-simulated
texture development.

Ihkl ¼
Ideformedhkl

I0hkl
½2�

The peak width was decomposed into the Gaussian
and Lorentzian broadening components as a full-width
half-maximum (FWHM). The profile-shape functions
used in profile fitting programs are shown in Eqs. [3] and
[4] for Gaussian and Lorentzian.

G ¼ I0 exp � ln 2
2H� 2H0

w

� �2
 !

½3�

L ¼ I0 1þ 2H� 2H0

w

� �2
 !�1

½4�

Here, I0 is peak intensity, w is half FWHM, and 2H is
the peak position.

C. Model of Dislocation Arrangement

We assume the formation of a hierarchical dislocation
structure in the plastically-deformed material when
some part of dislocations group within dislocation walls
and some part remain randomly distributed. The for-
mation of the hierarchical dislocation structure in many
metallic polycrystalline materials under different defor-
mation has been previously reported.[2,19–26] In our
work, the formation of the hierarchical dislocation
structures is considered, which is similar to References
24 through 26. These microstructures mainly are dis-
location walls, which create certain misorientation/
tilt/twist between the neighboring regions. Note that
there are also partial randomly-distributed dislocations
populated between the dislocation walls in the same
grain. There is practically no misorientation/tilt/twist in
the interior of the walls. For simplicity, we assume that
the dislocation walls are composed from the equidistant
edge dislocations, and screw dislocations remain ran-
domly distributed in the cell interior, as shown in
Figure 1. As was presented previously,[26–30] equidistant-
dislocation walls result in the Lorentzian type of
broadening. The randomly distributed or weakly corre-
lated dislocations in the interior yield the Gaussian type
of broadening.[19,20,27] Further details on the model and
calculations are described in Section III–D.

Fig. 1—Sketch of the patterned-dislocation structure with dislocation
walls and the randomly distributed dislocations. Each wall creates
the pairwise tilt between two adjacent regions. The shadowed regions
near each wall indicate the area in the immediate vicinity of the
equidistant-dislocation wall (L< h), where strain field from disloca-
tions within the wall are significant.

*HASTELLOY C-22HS is a trademark of Haynes International
Inc., Kokomo, IN
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D. Transmission Electron Microscopy

Complementary TEM analysis was performed at
200 kV in a TECHNAI 20 electron microscope. Samples
for TEM were prepared from a slice cut at 45 deg to the
loading direction to maximize the parts of having the
slip plane parallel to the surface of the TEM sample.

III. EXPERIMENTAL RESULTS

A. Tensile Tests and Fitting Parameters for Simulations

The 0.2 pct yield strength of the alloy is about
370 MPa. Lattice-strain vs stress curves for hkls,
{111}, {200}, {220}, {311}, {331}, {420}, and {422}, in
loading and transverse directions are shown in
Figures 2(a) and (b), respectively. The measurements
made at 20, 30, 40, 50, 60, 70, 80, 90, 110, and 120 MPa
are used to calculate the compliance of the materials for
texture simulations. The linearity of the different lattice
strain (ehkl) vs stress curves shown in Figure 2 suggests
that the alloy intrinsically follows a generalized Hooke’s
law,[31] with {111}, the stiffest plane,[31] and {200}, the
least stiff plane[31] within the elastic region (up to
120 MPa).

B. VPSC Simulation

A VPSC model was implemented for estimating the
distribution of microstresses and texture evolution for
the alloy. The SC approach developed by Hutchinson[32]

was used here with an extension of the Eshelby inclusion
tensor to macroscopically anisotropic materials.[33] In
the model, a total number of 2592 grains were simulated
through the VPSC model.[34] The lattice-strain (ehkl)
distribution was simulated at different loading levels.
The grains used for modeling are based on the

microstructural characteristics obtained from the
neutron-diffraction data. The lattice-strain (ehkl) distri-
bution was simulated at different loading levels. For
simplicity, only grain-to-grain interactions existing with-
in the respective phase and the influence of texture on
the plastic deformation were considered. The method
applied determined the stress needed to give a strain field
at each loading level. The strain field was simulated to
match the measured lattice-strain distribution for each
load. An empirical Voce-hardening rule (Eq. [5]) was
used in the simulation to describe the critical resolved
shear stress (CRSS) evolution of individual deformation
modes:

s ¼ s0 þ s0 þ h1Cð Þ 1� exp �h0C=s1ð Þf g ½5�

Here, s is the instantaneous flow stress; s0 and s0+ s1
are the initial and final back-extrapolated CRSS,
respectively; h0 and h1 are the initial and asymptotic
hardening rates; and C is the accumulated plastic shear
in the grain. All the parameters were derived by fitting
the model to the experimental neutron measurements of
different {hkl} lattice-strain evolution and to the labo-
ratorial macroscopic stress-strain curve of the mate-
rial.[35]

The compliances used in the simulations were fitted to
the measured lattice strain (ehkl) at different load levels
within 120 MPa, in the elastic region. Since the studied
material has an fcc structure, 18 cubic slip systems[36] of
{111}h110i type were considered, as shown in Table I.
The critical resolved stress and the hardening parameter
for different slip systems and the elastic constants used
in the simulation of this alloy are listed in Table II. In
Figure 3, the uniaxial monotonic-tensile experiments are
presented as a stress-strain curve in open symbols, and
the VPSC simulations are shown in a solid line. The
simulations agree with the measurements in both the
elastic and the plastic regions. The onset of the plastic
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Fig. 2—Lattice-strain stress curves of hkl 111, 200, 220, 311, 331, 420, and 422. The linearity starts to deviate about 370 MPa, corresponding to
the 0.2 pct yield strength: (a) loading and (b) transverse directions.
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deformation (370 MPa) is fitted, too. The simulated
inverse-pole figures along the loading direction are
plotted in Figure 4. Figure 4(a) demonstrates that the
initial texture is practically random. Figure 4(b) shows
the VPSC simulated texture under the large plastic
deformation at 825 MPa using the measured random
texture as the input. The simulated results show a
preferred texture in {100} and {111} poles, but not in the
{110} pole.

C. In-Situ Neutron Measurements

To further compare the simulations and experiments,
the measured in-situ neutron experimental data along
the loading direction were used, as shown in Figure 5(a).
The results are normalized with respect to the intensity
at the undeformed status, as calculated by Eq. [2]. The
intensity evolution demonstrates that the texture grad-
ually develops as the material plastically deforms. The
intensity does not vary before the 0.2 pct yield strength
of about 370 MPa. When the tensile stress reaches
825 MPa, the intensity of the {111} peak increases more
than 1.5 times, compared to the undeformed state. The
{200} peak intensity increases by a factor of ~1.5. The
{311} has the smallest deviation, and the intensity
decreases about 20 pct, while the {220} almost disap-
pears. These measured, intensity-evolution results dem-
onstrate that {111} and {200} gradually develop the
texture along the loading direction as open squares in
Figure 5(b), but {220} intensity disappears from the
loading direction. Similar trends are reported from other
fcc polycrystalline alloys[37] and the effect of grain
orientation on the deformation structure in cold-rolled
polycrystalline.[38] The VPSC-simulated results on {111}
and {100} at 825 MPa are presented in Figure 5(b) as
open circles. The simulated texture of both {111} and
{100} increases in the simulation and there is a stronger
{111} texture component than {100}. As a result, there is
a qualitative agreement between the simulations and the
in-situ neutron measurement.
However, the amplitude of the simulated texture

is larger than the measured one at 825 MPa. In
Figure 5(b), the measured {111} texture increases 1.5
times, while the simulated one rises 3 times. The same
difference is seen in the {200} texture: The measured
intensity rises about 0.5 times and the simulated enlarges
almost 1.5 times. The discrepancy between the simulated
and the measured intensities shows an overestimation in
texture simulation. The overestimation indicates that
work hardening should be considered with the micro-
structure evolution, as discussed in Section D.

D. Microstructure-Evolution Estimation via Peak-Profile
Analyses

Work hardening, which relates to the flow stress, was
first derived by Taylor[39] to link the microstructure
evolution to material-mechanical properties under plas-
tic deformation. Our analysis of the microstructure
evolution during the deformation is based on peak
broadening observed from the in-situ neutron mea-
surements (Figure 6). The mechanically-induced stored

Table I. Slip System Considered in the Current Study

Edge Dislocation
Slip Plane Burgers Vector

Slip system h k l u v w

1 1 1 1 1 1 0
2 1 1 1 0 1 1
3 1 1 1 1 0 1
4 1 1 1 1 1 0
5 1 1 1 0 1 1
6 1 1 1 1 0 1
7 1 1 1 1 1 0
8 1 1 1 0 1 1
9 1 1 1 1 0 1
10 1 1 1 1 1 0
11 1 1 1 1 0 1
12 1 1 1 0 1 1

Screw Dislocation
Dislocation Line Burgers Vector

Slip system sx sy sz u v w

1 1 1 0 1 1 0
2 0 1 1 0 1 1
3 1 0 1 1 0 1
4 1 1 0 1 1 0
5 1 0 1 1 0 1
6 0 1 1 0 1 1

Table II. Material Parameters Used in VPSC Simulations
for the Alloy: Q Denotes the Thermal Expansion Coefficient;

s0 and h1 are the Critical Resolved Stress and the Hardening

Parameter, Respectively; and C11, C12, and C44 Are

the Single-Crystal Elastic Constants

Q (910-6) s (MPa) h (MPa)

Single Crystal Elastic
Constants (GPa)

C11 C12 C44

18 135 450 303.0 210.0 106.0

Fig. 3—Stress-strain curve of the alloy for a monotonic-tension
experiment. The measurements are depicted in open symbols and
VPSC fitting is in a solid line.
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energy in the deformed specimen has been reported to
generally derive from the randomly-distributed disloca-
tions, the cellular-dislocation structure, and the hetero-
geneous elastic-energy contribution of the mean
stresses.[40–43] As a result, changes in the microstructures
cause most of the observed peak broadening. To
distinguish the physical contribution to broadening,
Cphys, induced by the microstructure evolution, the

instrumental broadening, Cref, needs to be taken
into account. The value of Cref was obtained by
measuring the reference sample. The raw data, CExper,
shown in Figures 6(a) and (b), were further adjusted to
take into account the instrumental broadening
(Cphys = CExper - Cref). As a result, the physical broad-
ening is more than half smaller than broadening of the
raw experimental curves, CExper (Figure 6).

Fig. 4—The simulated inverse pole figures of the alloy in two different states: (a) initial texture within the elastic region and (b) after the onset of
the plastic deformation at about 825 MPa of the stress-strain curve in Fig. 2.
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Fig. 5—(a) Normalized integrated intensity, using Eq. [2], vs true stress. For clarity, the data are plotted for the loading direction. The perpen-
dicular red line represents the macroscopic 0.2 pct yield strength. (b) Simulated VPSC texture development along loading direction. There is a
stronger texture in {111} pole than that of {100} pole, as measured in (a).
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It is known that the randomly distributed or weakly
correlated dislocations yield the Gaussian peak broad-
ening.[27–29,44–46] The dislocation-wall structures, aggre-
gated by the equidistant-edge dislocations, cause
Lorentzian peak broadening.[27–29] Such equidistant-
dislocation walls result in local pairwise tilts between the
two adjacent regions of the crystal. We note that
stacking faults also result in Lorentzian-type broaden-
ing. However, staking faults additionally cause distinct
anisotropic shift of different (hkl) reflections, and their
input can be separated from the one caused by equidis-
tant-dislocation walls.[45]

In the regions close to the boundaries at distances L,
smaller then the distance, h, between the dislocations
within the wall (L< h), the strain fields from individual
dislocations forming the boundary become significant.
This is extremely important for the detailed analyses
based on the shape of the tails of the peak developed by
Ungar et al.[42] and Groma.[47] Such analysis of the
shape of the tails of diffraction peaks provides the most
direct information about the dislocation density. How-
ever, the signal to noise at the tails of the neutron
intensity profiles in our measurements was low and
analysis of the shape of the tails could not be reliably
used for the analysis of dislocation substructure. For
this reason, in the present article, we used the central
part of the peak broadening for the characterization of
dislocation parameters, which depends mainly on dis-
placement fields in the regions remote from the wall at
the distances exceeding L � h.

For example, assuming a 1015 m-2 dislocation density
of within the dislocation wall, the distance, h, between
the dislocations within the wall becomes h = 30 nm.
This means that the strain fields appear in the diffraction
profiles at values of Dd* @ 0.03 nm-1. In our experi-
mental data, the region Dd* @ 0.03 nm-1 is located in
the tails of the peak intensity and does not influence the
central part of the peak, which was used for the analysis.
According to Balzar et al.,[48,49] it is ‘‘generally

accepted that a Voigt-function approximation for both
size and strain broadened profiles is a better model than
simplified integral-breadth methods.’’ A detailed
description of the profile analysis for neutron TOF
measurements is given in the GSAS manual.[18,50] To
distinguish these two broadening components, similar to
the approach of Balzar et al.,[48,49] the pseudo-Voigt
function (Eq. [6]) is applied. It corresponds to the GSAS
profile function 3.

V ¼ gLþ ð1� gÞG 0 � g � 1ð Þ ½6�

A parameter (g) is introduced as a variable proportion
of pure Lorentzian (L) to pure Gaussian (G), where L
and G are defined as Gaussian and Lorentzian peak
widths in Eqs. [3] and [4], respectively. The pseudo-Voigt
function is fit to each individual {hkl} peaks to study
these two sources of broadening by GSAS with Eq. [7].
A total of seven different (hkl) peaks were fitted. For
better statistics, the results were then averaged over all
measured (hkl) peaks.
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Fig. 6—(a) Selected diffraction profiles measured along the loading direction in a sequence from top to bottom at the stress: 280, 405, 560, and
820 MPa, respectively. (b) Enlargement of the peaks {200} from (a) different loading levels (raw data). There are clear changes in peak positions,
intensities, and widths, where the sources of the peak-width broadening may come from the randomly distributed dislocations and dislocation
walls. Note that the raw data in (a) and (b) include instrumental broadening, Cref. For calculations of dislocation-structure parameters, the peak
broadening was corrected to take into account the instrumental broadening. So the broadening induced from dislocation substructures can be re-
fined. For example, the peak-broadening induced by dislocation-related structure is about 45 pct of the value shown in (b) for the larger plastic
deformation (820 MPa).

C ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
C5
g þ 2:69269C4

gcþ 2:42843C3
gc

2 þ 4:47163C2
gc

3 þ 0:07842Cgc4 þ c55

q
½7�
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The measured peak width (C) is composed by the
Gaussian broadening (Cg), as shown in Eq. [8], and the
Lorentzian broadening (CL), as shown in Eq. [9].

Cg ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
8ðln 2Þr2

q
½8�

CL ¼ c ½9�

where r and c are the standard deviations of the Gaussian
and Lorentzian profile components, respectively.

Based on the described model, the dislocation density
(n) of the randomly distributed dislocations from each
{hkl} reflection can be estimated from the Gaussian
peak-width component (DFWHMG), which depends on
the Burgers vector (b), the contrast factor (Cr) for
randomly distributed dislocations or dislocations with
weak correlations, and the dhkl spacing, as presented in
Eq. [10].[44–46]

nhkl � bdhkl
DFWHMG

Cr
½10�

The calculation of the contrast factors for the
randomly-distributed portion of the dislocation popu-
lation is performed using the formalism described in
References 28, 29, and 44 through 46, and is similar to
the method developed by the Ungar’s Group.[40–42]

The Lorentzian peak-broadening components
(DFWHML) are used to calculate the equidistant-
dislocation-wall spacing (D), as exhibited in Figure 6(d),
with the contrast factor (CEW) in Eq. [11].[28,29,44–46]

D � pCEW

DFWHML
½11�

where CEW is the contrast factor for the equidistant-
edge-dislocation wall. Assuming all probable slip sys-
tems for the fcc materials equally activated, the total
dislocation density, n, and the distance between the
equidistant-dislocation-walls, D, were determined using
Eqs. [10] and [11] (Figure 7). At the first approximation,
the VPSC-simulated active slip systems are proportional
to those of the measured dislocation structure evolution
in Figure 7. The experimentally determined equidistant-
dislocation-wall spacing is shown with hollow symbols:
square (h) for the loading and circle (s) for the
transverse directions, respectively. The dislocation den-
sity is presented in solid symbols, square (n) for the
loading direction and circle (�) for the transverse
direction. The dislocation density changes slowly within
the 0 to 370 MPa elastic region. With the onset of the
plastic deformation, the dislocation density starts to
increase. The dislocation density slowly saturates after
870 MPa, but the equidistant-dislocation-wall spacing
keeps decreasing to the final measurement. The current
results, shown in Figure 7, are qualitatively similar to
the previous calculations, with the assumption of
the equal-dislocation activity from all primary slip
systems.[51] Complementary TEM analysis confirms the
formation of the hierarchical dislocation structure with
part of the dislocations grouped within the walls and
part remaining randomly distributed between them
(Figure 8). Both images in Figure 8 are taken from the
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Fig. 8—TEM images obtained from the sample after 40 pct defor-
mation demonstrate formation of the hierarchical dislocation struc-
ture with walls and some part of random dislocations between them:
(a) diffraction vector g = [111], electron beam direction, B, near
½�1�12�; and (b) g = [200], B near (001), foil normal near (001). Due to
different orientations of the diffraction vector, some dislocations be-
come invisible at one of the images. Note that the dislocation walls
are {110} and are not aligned on {001}.
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same area of the sample deformed at 40 pct, but at
different diffraction vectors, g. Diffraction at two
different g vectors changes invisibility conditions for
some dislocations. For this reason, some of the dislo-
cations are visible only at one of the images. Some
dislocation debris is visible between the walls. The
‘‘blocky’’ structure showed typical dimensions of less
than 0.5 lm. The walls are aligned along {110} not
{100}. The distance between the walls estimated from
the TEM data is surprisingly close to the average data
obtained from neutron diffraction.

Motivated by Heidelbach’s comments[1] and based on
the preceding experimental results, an attempt to track
the microstructure of the single grains inside a poly-
crystal during deformation is discussed.

IV. DISCUSSION

The lattice strain-stress relationships measured from
seven different {hkl} planes shown in Figure 2 demon-
strate a clear linear response within the elastic region,
especially below 300 MPa. Beyond the 0.2 pct yield
strength, the slope of the stiffest {111} direction becomes
smaller due to load sharing with the other grain
orientation. The peak-intensity evolution in Figure 5(a)
shows a clear onset of texture development, once the
alloy was plastically deformed beyond the 0.2 pct yield
strength. Note that the input of the simulation is based
on our measured data: The comparison between the
experimental measurement and the simulated results is
based on the macrostress-macrostrain curve (Figure 3)
and the lattice-strain evolution along the loading direc-
tion (Figure 9), respectively. The measured stress-strain

points are located on the simulated stress-strain curve
from 0 to 20 pct strain. The simulated and experimental
results practically coincide for strains up to 25 pct. At
higher strains, the simulation gives slightly larger stress
values than those measured. For the lattice-strain
comparison, it can be seen that the VPSC simulations
capture the characteristics of the lattice-strain distribu-
tion for most {hkl} within 370 MPa in the elastic region.
It also shows the different slopes of each {hkl} corre-
sponding to the respective elastic modulus according to
the generalized Hooke’s law. The measured {111} and
{220} lattice-strain evolution is practically reproduced
from the simulation. The deviation of the slopes is found
on the {200} and {311}, which may be attributed to the
hardening parameters influenced by the microstructure.
Based on the preceding comparison and the agree-

ment of the texture development from the measured and
the simulated results, the simulated slip-system activity
could be used for calculating the dislocation-contrast
factor. Moreover, since the simulated grains contain the
information of the grain orientation, single grains with
specific orientations can be selected.
The reason to select the specifically oriented grains is

to consider the specimen-coordinate system confined by
the setup of the two-directional detection banks during
the in-situ measurements. Figure 10 shows the details of
this consideration. The specimen geometry is shown at
the top of Figure 10. The incident beam can be
diffracted in several directions. Only diffraction from
grains along the loading (in black arrow) and transverse
(in red arrow) directions can be collected from the
detection banks. However, during the plastic deforma-
tion, the grains can rotate their local grain-coordinate
system, as shown in the bottom-left of Figure 10. The
responses of these materials, as grains rotate, can be
measured only when these grains are reoriented into
aligned planes in the loading and transverse directions
of the specimen (Figure 10).

2000

4000

6000

8000

 Experiment {311}
 Simulated {311}

 Experiment {220}
 Simulated {220}

 Experiment {200}
 Simulated {200}

L
at

ti
ce

 s
tr

ai
n

 (
*1

0-6
) 

Stress (MPa)

 Experiment {111}
 Simulated {111}

0.2% yield strength 
at 370 MPa

0 200 400 600 800

Fig. 9—Response of the measured (symbols) and the simualted
(lines) lattice strains to the load along the loading direction for {111}
in n , {200} in �, {220} in m, and {311} in .. The simulated and the
experimental results show qualitative equivalence as the {200} in �
increases fastest while the {110} in n increases the least. Quantita-
tively, the simulation and the measurements almost match corre-
spondingly to stress up to 370 MPa. However, the simulated lines
start to show less lattice-strain responses deviated from the measured
data about 400 MPa. Although the qualitative trends remain the
same from the simulated to the measured, the simulated {200} lattice
strain is about 2500 le less than that of the measured strain at stress
equal to 800 MPa.

Fig. 10—Simulated grains reorient after deformation as the grain-
orientation system (bottom-left). Only the specifically oriented grains
are assumed to be measured at a specific part of the Debye ring
from the gage volume (bottom-right). The directions are based on
the specimen-coordinate system, fixed by two detection banks, as
shown on top.
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As a result, a search of the simulated grains is based
on the relative orientation of the grains with respect to
the specimen-coordinate system. Although there are
only a few grains oriented along these two directions,
the grains that do reorient to the detector directions can
be used to study the slip-system evolution in these
specifically oriented grains embedded within our 2592-
grain, polycrystalline models. The simulated slip-system
activity is shown in Table III.

From the 2592 grains used in the simulation, only two
grains are favorably oriented to diffract in the direction
of detection banks (Table III). The first grain is nearly
exactly oriented for diffraction into both banks. The
accumulated probability for the two most favorable slip
systems in the loading direction is approximately 57 pct,
and the accumulated probability with an additional slip
system is approximately 72 pct. In a second grain,
favorably oriented for diffraction in the transverse
direction, we also observe that the accumulated prob-
ability for three slip systems reaches 92 pct. The results
suggest that the number of active slip systems with the
probability (from 15 to 40 pct) for different grains is
between 2 and 3. This result agrees with Fleischer’s[52]

TEM investigation of brass crystals, showing that the
average number of active slip planes is about 2.5. If slip
systems with a 5 to 15 pct probability are included,
about five systems are predicted by the model. This is in
an agreement with the observations of Margulies
et al.[53]

For most probable slip systems, the slip-system-
dependent contrast factors were calculated (Table III)
for the grainwith best orientation for diffraction into each
detection bank (Figure 10). The parameters of disloca-
tion arrangements calculated based on Eqs. [10] and [11]
are presented in Table IV. The estimated dislocation
density and dislocation-wall spacing obtained from the
loading and the transverse directions are essentially the
same (Table IV) and agree with TEM observations.

As a result, our method demonstrates a new approach
to the study of microstructure evolution during tension.
Overall, the results are used to understand the slip-
system-related microstructure evolution during tensile
deformation. There is a good agreement between
simulated and experimental results because the dominant
deformation mechanism of the alloy is the slip activity,
which is the fundamental assumption in our VPSC
model. In the future, this method will be applied to other
cubic materials.

V. CONCLUSIONS

The present study reports combined effects of exper-
iments and simulations of plastic deformation in an fcc
nickel-based single-phase superalloy under tension.
Texture simulations beyond 30 pct deformation with
the VPSC model were performed. The simulations were
based on the lattice strains measured by in-situ neutron-
diffraction experiments at room temperature during
tension experiments. The preferred orientations were
simulated for the ensemble of 2592 grains. The gradual
development of the texture is both simulated and
measured by in-situ neutron experiments. The agreement
between the experimental measurements and simulated
results demonstrates that the assumed crystallographic
slip systems are the major contributors during plastic
deformation of the superalloy. A possible contribution
of each grain into the Debye diffraction-intensity ring
was determined, and the two grains with the specific
orientation diffracting neutrons in the directions of two
detection banks were found. For the preceding two
grains, the dislocation-contrast factor has been updated
with the simulated probability of the active slip systems.
The slip-system-dependent contrast factors are used to
calculate the parameters of the dislocation arrangement
for the specifically oriented grains.
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bi
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Directions
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Factor

n
(108 cm-2)

D
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Wall
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